Herein we investigate how the oxygen content in hot isostatically pressed (HIP'd) 316L stainless steel affects the mechanical properties and tensile fracture behavior. This work follows on from previous studies, which aimed to understand the effect of oxygen content on the Charpy impact toughness of HIP'd steel. We expand on the work by performing room-temperature tensile testing on different heats of 316L stainless steel, which contain different levels of interstitial elements (carbon and nitrogen) as well as oxygen in the bulk material. Throughout the work we repeat the experiments on conventionally forged 316L steel as a reference material. The analysis of the work indicates that oxygen does not contribute to a measureable solution strengthening mechanism, as is the case with carbon and nitrogen in austenitic stainless steels (Werner in Mater Sci Eng A 101:93-98, 1988). Neither does oxygen, in the form of oxide inclusions, contribute to precipitation hardening due to the size and spacing of particles. However, the oxide particles do influence fracture behavior; fractography of the failed tension test specimens indicates that the average ductile dimple size is related to the oxygen content in the bulk material, the results of which support an on-going hypothesis relating oxygen content in HIP'd steels to their fracture mechanisms by providing additional sites for the initiation of ductile damage in the form of voids.
I. INTRODUCTION

HOT Isostatic Pressing (HIP) is a metal forming
process that employs the use of high temperature and isostatically controlled pressure to consolidate metal powder, of required chemistry, into bulk components. The technique is particularly well suited to the fabrication of components which require a relatively complex geometry, since the HIP'd part takes the shape of the pre-fabricated vessel or mold within which it is compressed, and HIP is thus known as an example of near net shape manufacture. [1, 2] This makes HIP an alternative route to, for example, the production of multi-connected pipes, which would require additional machining and welding of forged pipes to produce a component of the same geometry. The ability to bypass unnecessary production stages is advantageous not only to the manufacturer in terms of reducing manufacturing time and associated costs, but also to structural integrity assessment procedures. This is because HIP'd components can exhibit an isotropic microstructure and homogeneous material properties as a result of the isostatically controlled temperature and pressure during the HIP cycle. [3] [4] [5] [6] HIP components therefore do not exhibit the microstructural and mechanical directionality [7] [8] [9] as is often seen in forgings and castings, and the omission of welding means that complex microstructural transitions and weld residual stresses can be avoided altogether, resulting in components with enhanced material performance when exposed to demanding environments and stress.
Because of the clear merits associated with HIP'd components, there is an increasing desire among engineers to incorporate HIP technology into the nuclear sector (HIP has been popular within the oil and gas sector for many years) either in terms of new reactor design or in the replacement of parts currently in service. However, due to the demanding regulatory control within the nuclear sector, and also partly due to the high costs currently associated with near net shape manufacture, [10] HIP is only recently making a contribution to the production of components required for use in nuclear environments. [11] As a result, there have been increased efforts to enhance the understanding of fundamental metallurgical and mechanical behavioral differences between HIP and chemically equivalent forged materials, highlighted recently by studies on the microstructural development during HIP [12] and to demonstrate that HIP materials display enhanced material properties over their forged counterparts; [13] [14] [15] [16] [17] HIP technology needs to offer more than just an easier fabrication methodology before it can be justified as a replacement to conventional 'tried and tested' manufacture routes.
HIP steels are generally claimed to exhibit higher strength, [1] toughness and corrosion resistance [9, 18] than forgings and castings, and this is usually attributed to the finer grain size and equiaxed microstructure of the HIP'd material [19] as well as lack of porosity. [1] However, one of the fundamental chemical differences between HIP'd and forged steels lies in the oxygen content which resides in the HIP steel after all manufacture and heat treatment stages are completed; oxygen concentrations are typically an order of magnitude greater than those of equivalently graded forged steels, which exhibit typical oxygen concentrations of greater than 100 ppm, in contrast to 10 -20 ppm typically measured in forgings. [13, 14] Traditionally, oxygen and nitrogen have not been of significant interest to forging and casting metallurgists due to the comparatively low levels that exist in the microstructures of materials produced from such techniques, and as a result, oxygen and nitrogen concentrations are rarely listed in chemical composition data on material certificates. However, partly due to the high surface area of the metal powder required for HIP, and as a result of the many stages of powder handling throughout the manufacture process, oxygen pickup in the form of powder surface oxidation is difficult to avoid.
While it has been reported that the effects of powder surface oxidation are detrimental to the impact properties of HIP'd steels, [20, 21] the authors have recently published a series of papers [13] [14] [15] [16] which investigate and quantify the effects of oxygen on material impact toughness and the mechanisms of fracture, in which it has been established that enhanced oxygen concentrations in HIP stainless steel result in a greater volume fraction of oxide inclusions in the microstructure, thereby facilitating the ductile fracture mechanism by acting as additional sites for the nucleation, and subsequent growth and coalescence of microvoids in the plastically deforming matrix. Because of the increased volume fraction of initiation sites in the HIP steels, and the reduced inter-void distances, void coalescence can occur at lower values of plastic strain since voids have smaller distances over which they need to grow to coalesce with adjacent voids. We expand on the work here, by investigating whether the higher concentrations of oxygen in the HIP steels are detrimental to material strength or whether the effects are only restricted to the ductile fracture mechanism. Fractography of the failed tensile test specimens has been employed to study the relationship between oxygen (oxide) content and the average diameter of the ductile dimples present at failure.
II. EXPERIMENTAL
Four heats of HIP'd 316L were obtained from the Electrical Power Research Institute (EPRI, USA) containing final-material oxygen concentrations of 100, 100, 145, and 190 ppm, respectively, with the aim to probe the effect of oxygen concentration on ductile fracture. Material HIP100A contained a nitrogen concentration (1400 ppm) that is out of specification according to ASTM. [22] The materials have been labeled according to their oxygen contents, since this formed the initial study, [14] and specimen labels are listed in Table I along with elemental compositions (pct wt) and grain sizes. For the HIP'd materials studied, independent batches of 316L stainless steel powders were heated to 1423 K (1150°C) under 1050 bar pressure for a total period of 3.5 hours. All HIP'd materials were post-HIP heat treated to 1313 K (1040°C ± 4°C) and water [22] Spec.
--< 0.08 < 1.00 < 2.00 < 0. [22] Spec.
- quenched. Forged 316L material was provided by Rolls Royce, UK, and heat treated to 1323 K (1050°C) and water quenched. Electron microscopy of sectioned specimens and fracture surfaces was performed using an FEI Quanta 650 scanning electron microscope (SEM) and an FEI Sirion SEM, both equipped with field emission guns and Electron Back-Scattered Diffraction (EBSD) detectors, and a Hitachi S-3700 SEM equipped with Oxford Instruments INCA X-ACT energy dispersive spectroscopy for semi-quantitative chemical analysis. Scanning electron microscopy was performed under vacuum using a 20 kV accelerating voltage and a spot size of 4.0 nm, at a working distance of approximately 10 mm.
Forged 316L tensile test specimens were extracted in the longitudinal (rolling) direction of a forged plate. HIP316L tensile test specimens were extracted in the axial direction of the HIP cylinder. Round bar tension test specimens were machined in accordance with ASTM E8/ E8M recommended dimensions, with a gage length of 50 mm, gage diameter of 8 mm, and M12 thread. [23] Tensile testing was conducted in displacement control at a strain rate of 0.5 min À1 at ambient temperature. Three tensile tests were performed for each material and condition, and the yield strength and UTS values were taken as an average of the three tests. Reduction in area (pct RA) was determined using digital Vernier calipers, by measuring the portion of least diameter in the necked region of the failed tensile specimens.
Specimens prepared for metallurgical analysis were sectioned, mounted, ground, and polished in accordance with the recommended procedures in ASTM practice E3-11. [24] Grain size measurements were obtained by etching specimens in 10 wt pct oxalic acid solution for between 20 and 40 seconds in order to reveal the microstructure optically, and measured via the linear intercept method in accordance with ASTM E112-96; [25] measurements were taken over three different areas and approximately 250 grains contributed to the average grain size. The average ductile dimple size on the fracture surface of tested specimens was also determined using the linear intercept method, as detailed in ASTM E112-96 [25] for measuring average grain size. Several regions of interest on the fracture surface were selected in order to sample over a greater area; this was achieved by measuring features over several micrographs. However, because of the undulating topography of ductile fracture surfaces, this reduced the analytical areas to those that were perpendicular to the electron detector in the SEM, since linear intercept analysis on non-perpendicular planes would result in inaccurate diameter measurements. To address this, efforts were made to analyze dimples that appeared spherical in shape (showing no signs of elongation and/or shear) since this shape would indicate visual inspection normal to the void. For each specimen, approximately 1000 ductile dimples were included in the average diameter calculations. Elemental analysis was performed at The Welding Institute (TWI, UK) using optical emission spectroscopy and direct spark analysis.
Ductile damage in the necked region of tensile specimens was assessed using SEM on regions ca. 400 lm below the fracture surface. Several slices were assessed per each specimen in order to improve statistical accuracy. The area fraction (pct) and nearest neighbor distance of the ductile voids were measured using ImageJ and gray scale threshold image analysis. The nearest neighbor distance was calculated using the Nearest Neighbor Distance ImageJ plugin (programmed by Yuxiong Mao [26] ) which calculates the shortest distance between the centroids of neighboring features. Table I shows the chemical compositions and grain sizes of the materials employed in this study, and indicates that all materials are within specification to A988/A988M-16. [22] However, although nitrogen limits are not stated in A988/A988M-16, HIP100A exhibits a nitrogen content that exceeds the specification maximum limit set by ASTM A240/A240M-17 [27] by over 400 ppm. Oxygen concentrations are not considered in ASTM A988/A988M-16 [22] and are only considered in the argon gas purity in ASTM A180-15. [28] The grain sizes (diameter) of the HIP and forged specimens differ by ca. 30 lm, with F136L (60 lm) and HIP100B (53 lm) exhibiting grain sizes approximately double those of HIP145 (30 lm) and the HIP190 (30 lm) specimens. Based on the well-known Hall-Petch relationship, [29, 30] it has been calculated that yield strength would be expected to vary by ca. 40 MPa between materials. It is interesting to note that despite the materials being subjected to equivalent heat treatments, there is a noticeable difference in grain size between the HIP heats, with the higher oxygen concentration heats exhibiting a finer microstructure. The reason for this is currently not understood, but could be linked to oxide particles hindering grain growth during thermal treatment. Due to previous studies where significant microstructural analyses were performed on these materials, the microstructures are not included here and can instead be viewed at. [14] The interstitial elements carbon and nitrogen, although largely within specification, vary considerably from heat to heat, with carbon ranging between 0.011 and 0.027 wt pct, and nitrogen ranging between 0.038 wt pct (380 ppm) and 0.14 wt pct (1400 ppm). Because of these differences in chemistry, it was challenging to directly compare experimentally determined mechanical properties on a like-for-like basis. Figure 1 illustrates the tensile test data for all specimens, showing the engineering stress/strain behavior to failure. For the purpose of clarity, a single representative stress strain curve of a total of three repeated tests has been plotted for each heat. The different heats display significant differences in both strength and ductility, which at first appears to correlate with the oxygen concentrations of the materials. However, this is before considering the differences in grain size and the interstitial alloying elements' strengthening behavior. Table II summarizes average yield strength (r y ), ultimate tensile strength (UTS), reduction in area (pct RA), and elongation (pct EL) data for each heat. In order to probe the effect of oxygen on strength, it was important to quantify strength in terms of the material chemical compositions and grain sizes. This was addressed by using the well-known regression formula derived by Irvine et al., [31] o ;
III. RESULTS
½2
In both equations, the 15.4 coefficient is the conversion factor for converting ton in.
À2 to MPa. These formulae have been used to successfully probe the effects of alloying element concentration (often nitrogen) on the hardness, yield strength, and tensile strength of austenitic stainless steel. [32] [33] [34] [35] [36] [37] These formulae were employed herein to calculate theoretical yield strength and UTS values for the different heats, and these are compared with the experimental values in Table III . Since nitrogen and carbon have the highest weighting in both equations, the chemical concentrations (wt pct) of these elements have also been tabulated, along with the total wt pct of carbon + nitrogen. The chemical compositions used for Eqs. [1] and [2] were the average wt pct values as tabulated in Table I , and it should be noted that there is an error associated with the limit of detection and standard deviation.
Delta (d) ferrite has not been observed in any of the materials and was therefore not included in Eq. [1] . Since the yield strength and UTS calculations are based on material chemistry and grain size alone, any increasing discrepancy between experimental and calculated values could be related to the increasing oxygen concentration in the different heats, since no evidence of delta ferrite, other secondary phases, or porosity was observed in the various 316L heats. To investigate this, Figure 3 shows the pct error between each experimentally determined 0.2 pct yield strength (r y ) and the calculated 0.2 pct yield strength (r y ) for each material (white data), and each experimentally determined UTS and the calculated UTS for each material (black data), presented as a function of oxygen. For these data, the mean pct error is 14.64 and 16.14 pct for 0.2 pct yield strength (r y ) and UTS, respectively. Table III lists mean values for experimentally determined 0.2 pct yield strength (r y ) (column 5), calculated 0.2 pct yield strength (column 6) experimentally determined UTS (column 8), calculated UTS (column 9), and pct error between experimental and calculated r y and UTS in columns 11 and 12, respectively. The number (1) in the headings of columns 6, 9, 11, and 12 indicates that calculations were performed using Eqs. [1] and [2] .
To improve the accuracy of predicted yield and UTS from Eqs. [1] and [2] , respectively, the regression parameters of 4.4 and 29 were varied iteratively in order to minimize the percentage error between calculated and experimental values. Optimum regression parameters for Eqs. [1] and [2] were found to be 7.2 and 21, respectively, and the improved predictions are presented in Figures 4 and 5 in the same manner as Figures 2 and 3 . Calculated 0.2 pct yield strength and UTS using the amended regression parameters are tabulated in Table III The number (2) 
The percentage error between experimental and calculated yield strength and UTS is improved considerably by using the amended regression parameters of 7.1 and 21 in Eqs. [1] and [2] ; the mean pct error was reduced to 1.61 and 0.9 pct for 0.2 pct yield strength (r y ) and UTS, respectively. This highlights that the initial discrepancy between experimental and calculated values can be accounted for using a constant value, and is therefore unlikely that oxygen concentrations differing by over 10 2 ppm could account for this relatively constant discrepancy. This analysis indicates that oxygen content does not appear to play a significant role in influencing the strength of these materials, since excellent agreement between experimental and predicted yield and UTS is obtained through the use of the equations proposed by Irvine et al., modified for the heats under investigation, which do not account for oxygen in the required material chemistry.
In order to assess the experimental and calculated yield strength values as a function of their respective interstitial alloying elemental compositions (carbon + nitrogen total wt pct), it was necessary to remove the yield strength contribution from grain size effects, since all the materials exhibited slightly different grain sizes. To account for this, the grain size contribution (r y(d) ) for each material was estimated through the Hall-Petch style relationship in Eqs. [1] and [2] : r yðdÞ ¼ 15:4 7:1 þ 0:46d
r UTSðdÞ ¼ 15:4 21 þ 0:9d
Experimental and calculated yield strength and UTS values for each specimen were then normalized by their respective r y(d) and r UTS(d) values to glean the data in Figures 6 and 7 , which shows experimental and calculated yield strength and UTS values as a function of total nitrogen and carbon concentration. The linear regression trends are within excellent agreement of one another, and the linearity indicates that material strength (both yield and UTS) is proportional to the total concentration of interstitial alloying components carbon and nitrogen, where oxygen concentration is not considered. Moreover, for the first time in this series of investigations, accounting for interstitial alloying composition and grain size has permitted accurate prediction of both HIP and forged stainless steel material properties on the same chart, indicating that any differences in mechanical behavior (but not fracture) can be accounted for through grain size and interstitial alloying composition alone, regardless of the manufacture route.
The authors have previously shown that increasing oxygen content has a detrimental effect on material impact and fracture toughness properties of HIP'd austenitic stainless steel. [13] [14] [15] To investigate this effect in tensile specimens, metallographic analyses were performed on sectioned failed tensile specimens (Figure 8 ), in a region ca. 400 lm below the fracture surface, in order to assess the character and extent of ductile damage in each of the specimens.
The voids below the fracture surfaces in Figure 8 were characterized in terms of their nearest neighbor distance and area fraction. This was achieved using gray scale threshold analysis in ImageJ software, where the contrast between voids and metal provided a good means to distinguish ductile damage from the austenite matrix. The results of nearest neighbor distance and area fraction are presented in Figure 9 and there is a clear linear relationship between the area fraction of ductile voids and oxygen concentration. Unlike strength and ductility, it was assumed that any interstitial chemical composition and grain size effects on the ductile fracture mechanism would be dwarfed by the effect of oxide inclusion concentration, since it has been shown through previous work [13] [14] [15] [16] that the extent of ductile void growth and coalescence is governed by the distance between initiating particles. Therefore, the data have been plotted as a function of oxygen concentration in the different heats. The correlation between nearest neighbor distance and oxygen concentration ( Figure 9 ) is less clear, due to the scatter in the measurements; however, it is possible to approximate the average data to power law regression fit. It is possible that the larger degree of data scatter associated with the F316L specimens is due to the lower inclusion content (steel cleanliness) of the material. Figure 10 shows secondary electron (SE) images of two typical fracture surfaces: (a) F316L and (b) HIP145. The authors previously showed [13, 15] that HIP 304L stainless steel exhibited a much finer and more homogenous ductile dimple size population than forged 304L, where forged 304L typically exhibited a coarse network of ductile dimples interlinked by a much finer network. [14] However, examination of the fracture surfaces of the tensile specimens herein revealed networks of large voids and finer voids in both the HIP and forged specimens.
In the tensile specimens, the fracture surface was parallel to the direction of crack propagation. Examination was therefore performed perpendicular to the fracture surface, providing an unrestricted field of view, and this could explain why the network of large and small voids was previously [13, 15] not observed in HIP specimens. This network of coalesced voids consists of larger voids, which could be the result of voids nucleating at oxide inclusions, and finer voids, which could nucleate at much smaller particles such as carbides. It is notable that the voids contributing to the 'fine' networks have significantly smaller radii in the HIP specimen (10(b)) than in the forged specimen (10(a)), and the distinction between the large voids and fine voids was significantly clearer in the HIP specimens than in the forged specimens. In addition, the nearest neighbor distance between the larger voids appears to be smaller in the HIP specimen than the forged specimen, which is consistent with the damage below the fracture surface in Figure 8 .
The average size of the ductile dimples was measured for each specimen using a linear intercept method as detailed in Section II. Despite the fracture surfaces exhibiting bi-modal distributions of voids, which are thought to originate at different sized particles, the average ductile dimple diameters were measured over the entire fracture surfaces, i.e., averaging all of the ductile dimples irrespective of their size. Figure 11 shows how the average ductile dimple diameter varies as a function of oxygen content, where the error bars represent the standard deviation of the diameter measurements. A power law regression fit has been applied to the average diameter as well as the upper and lower bound limits of the standard deviation bars. The ductile dimple diameters of the HIP specimens are on average significantly smaller than those of the F316L specimen; however, a trend between the various HIP heats is difficult to determine. The standard deviation of the data is significantly larger for F316L than HIP material, and the standard deviation increases when decreasing oxygen content from 145 to 100 ppm oxygen.
IV. DISCUSSION
Although the 316L materials contained substantially different concentrations of oxygen, it proved challenging to perform direct comparisons of strength and ductility between the different heats due to large variations in grain size and interstitial alloying elemental composition. It is well known that the addition of nitrogen in austenitic stainless steels acts as a strengthening mechanism, [38] shown through the development of the 'LN' austenitic stainless steel grades, in which carbon is removed to prevent the formation of chromium carbides at grain boundaries, and where carbon is replaced by nitrogen in order to counter the consequent reduction in strength. The reason nitrogen is an excellent substitute for carbon lies in nitrogen's similar atomic radii and ability to manifest itself interstitially within the FCC austenite lattice, thereby providing a strengthening mechanism in the form of energetically unfavorable dislocation interaction.
As reported previously, [13] [14] [15] [16] the oxygen remaining in the austenite matrix manifests itself in the form of non-metallic oxide inclusions, such as Cr 2 O 3 and MnO, and these oxide particles act as stress concentration sites for the initiation of microvoids during plastic deformation. This reduced spatial distribution of microvoids, due to higher volume fractions of particles, facilitates the onset of failure, since the distance over which voids are required to grow before coalescing with neighboring voids is significantly reduced and smaller levels of plastic strain are required. Whereas the influence of oxide particles has been shown to affect the ductile fracture behavior [13] [14] [15] [16] in HIP Type 300 stainless steels, the data herein suggest that large variations in oxygen concentrations have little impact on the 0.2 pct yield strength and UTS of various heats of HIP'd 316L. Using Eqs. [1] and [2] , as proposed by Irvine and co-workers, yield strength and UTS values have been estimated based on material compositional chemistry and experimentally determined grain size measurements, and show reasonable agreement with the experimentally determined yield strength and UTS values. Figure 2 shows the comparisons between experimental and calculated yield and UTS, showing reasonable agreement with consistent error of ca. 15 pct.
Despite the considerable inaccuracy between the experimental and predicted yield strength (mean pct error = 14.9 pct) and UTS (mean pct error = 15.9 pct) data when using the as-proposed formulae, the percentage error between calculated/experimental yield strength and UTS values does not appear to be related to the oxygen concentration of the specimens; Figure 3 shows the experimental/calculated pct error as a function of oxygen in the specimens, and there is no discernible trend in the data. This is significant, since the concentration of oxygen in the specimens ranges by nearly an order of magnitude, and this appears to not affect the degree to which Eqs. [1] and [2] under-and over-predict yield strength and UTS, respectively. If oxygen were to play a significant and measureable role in affecting yield and UTS, then the magnitude of discrepancy between experimental and calculated yield and UTS would be proportional to the oxygen concentration in the specimens, since Eqs. [1] and [2] only account for material chemistry and grain size; however this is not the case.
There could be several reasons why Eq.
[1] underestimates yield strength; the equation has been derived from a range of austenitic stainless steels, and although the authors report excellent agreement with austenitic stainless steels, the numerical factor of 4.4 in the equation is a regression parameter, rather than a microstructurally determined coefficient. d-ferrite was not observed in the microstructure of the materials herein, and has therefore not been used in this calculation. It is unclear why Eq. [2] overestimates UTS for all the materials, but again could be related to the numerical factor of 29 and, perhaps, the degree of microstructural twinning in the microstructure, since the stacking fault energy affects the work hardening rate and therefore tensile strength. [31] By iteratively adjusting the numerical factors in Eqs. [1] and [2] to 7.2 and 21, respectively, it has been possible to reduce the pct error between experimentally determined and calculated yield strength and UTS values for all the specimens. The improved predictions are presented in Figures 4 and 5 , and show that the mean pct error has been reduced to 1.25 and 1.29 pct for the yield strength and UTS, respectively. Using the corrected numerical factors in Eqs. [1] and [2] , Figures 6 and 7 highlight the excellent agreement between experimental and calculated yield strength and UTS. Given that the effect of grain size has been removed, and values are therefore a function of nitrogen and carbon concentration alone, this indicates that differences in oxygen concentrations between 23 ppm and 200 ppm have very little, if any, measurable impact on material strength. It should be noted that we have normalized yield and UTS against the average grain size, which will incorporate an error based on the standard deviation of the grain size.
It is possible that any dissolved oxygen remaining in the austenite microstructure might act as a strengthening mechanism, like that of carbon and nitrogen. However, the solubility of oxygen in austenitic stainless steels is relatively small compared to nitrogen and oxygen, thought to be due to (a) the steric effects of the comparatively large O 2-anion radius to the austenite lattice [39] and (b) the presence of alloying elements such as chromium, vanadium, manganese, and silicon and their high affinity for oxygen thus resulting in the formation of secondary phase oxide inclusions. [40] The solubility of oxygen in pure austenite, ''solubility'' being defined as the maximum limit that can be accommodated by the austenite lattice before resulting in a separate oxide phase, is difficult to measure, partly due to chemical impurities in the austenite lattice and the difficulty associated with establishing equilibrium with the solid phases present. [39] Nevertheless, the solubility of oxygen in pure austenite has been estimated to be on the order of< 30 ppm [39, 41] and concentrations in excess of this are assumed to reside in the form of oxide inclusions and secondary phase particles. Regardless of this, the data herein indicate that oxygen concentrations on the order of 200 ppm are not detrimental to a material's yield strength any more than concentrations on the order of 20 ppm.
It was initially hypothesized that although oxygen is unable to manifest itself as an interstitial alloying element like carbon and nitrogen, these oxide inclusions might hinder dislocation mobility in a similar fashion to oxide dispersion strengthened (ODS) steels. ODS steels utilize the presence of oxide to improve material strength, [42] and therefore contrast the results presented in this work. This is because the strengthening mechanism in ODS steels is heavily dependent on the size, spacing, and dispersion of the oxide particles. In ODS steels, the oxides are often referred to as nano-oxide dispersions since typical oxide particle diameters on the order of < 100 nm. [43] [44] [45] [46] [47] Mobile dislocations interact with nanometer-sized oxide particles via mechanisms involving direct particle shearing [48, 49] and/or circumventing the particle via a bypass manoeuver, such as the looping mechanism as proposed by Orowan, [50] depending on the particle-matrix coherency and degree of bonding between the particle and the matrix, the energy penalty of this bypass mechanism being proportional to the material flow stress. [51, 52] However as particle size and spacing increases, their ability to hinder dislocation mobility via individual particle-dislocation interactions diminishes, and their relatively large volumes cause multiple dislocations to agglomerate in the form of dislocation forests on the surface of oxide particles. This has been reported to occur at oxide particle clusters on the order of 500 nm [53] and this is in agreement with observations made by the authors on HIP'd 304L, as shown in Figure 12 . This is consistent with the work presented herein, whereby mean particle diameters have previously been shown [14] to be on the order of ca. 600 nm. In order for particles to have a strengthening effect, they must exist as a fine dispersion and exhibit good cohesion with the matrix, thus permitting the stress at the dislocation-particle interface to approach the theoretical shear stress of the crystal lattice and initiate yielding on the reverse face of the dislocation barrier. However, if poor cohesion exists between the particle and the matrix, the local stress concentration can initiate the growth of microvoids surrounding the secondary phase particles, which ultimately results in ductile fracture. [51] The various stages in the ductile failure mechanism are effectively recorded in the necked region of the tensile specimen, and can be rationalized in terms of ductile void growth behavior; the distance over which voids grow before resulting in coalescence is related to the spatial distribution of the particles that initiate the voids. The specimens with higher oxygen concentrations undergo microvoid coalescence at reduced levels of plastic strain and will therefore be unable to undergo further reduction in cross-sectional area thus exhibiting less lateral ductility. This phenomenon is also highlighted in Figure 8 , which shows sectioned tensile test specimens for (a) F316L, (b) HIP100, and (c) HIP190. There is a clear relationship between the extent of ductile damage (initiated voids which have grown under hydrostatic stress) below the fracture surfaces of the specimens and the oxide concentrations in the microstructure. This is quantified in Figure 9 , where the extent of ductile damage, up to ca. 400 lm below the fracture surface, has been characterized in terms of void area fraction and nearest neighbor distance between voids, and plotted as a function of oxygen concentration for each specimen. It is apparent that F316L exhibits a significantly larger average nearest neighbor distance between ductile damage voids than in any of the HIP'd specimens; however, the standard deviation bars associated with the HIP'd specimens make it difficult to judge whether the trend between average nearest neighbor distance and oxygen content is statistically significant. The area fraction data are more convincing and these were collected on several areas below the fracture surfaces. Each area is represented as a square in the data and this statistical sampling highlights the spread of the data. Despite the range of measurements, the data suggest that the area fraction of ductile damage is related to the concentration of oxygen (oxides) and a linear regression fit has been applied to the data. HIP190 exhibits the greatest area fraction of ductile voids: ca. 1.2 pct, and this is approximately double that of HIP100. This is sensible given that the interface between oxide particles and the austenite matrix act as initiation sites for ductile voids during plastic deformation and necking, and although not every oxide particle will initiate a void, a greater number of nucleation sites will lead to an overall greater volume fraction of ductile voids.
Finally, the fracture surfaces of the failed specimens are shown in Figure 10 , and both HIP'd and forged specimens exhibited bi-modal distributions of coalesced voids. However, all materials exhibited coarse and fine void networks, and the coalesced voids were noticeably larger in the forged specimens than in the HIP specimens, with large oxide particle-initiated voids on the order of 20 to 30 lm diameter in forged cf. 10 lm in HIP. With respect to the finer network, F316L exhibited voids on the order of ca. 2 to 5 lm, while the HIP specimens exhibited voids on the order of ca. 1 lm.
Quantifying the differences in ductile dimple diameters is complicated by the fact that voids are not solely initiated at oxide particles, but also at finer secondary phase particles such as carbides. Nonetheless, calculating average ductile dimple diameters across both void networks revealed that the HIP'd specimens exhibited a ductile dimple network that was approximately 50 pct finer than that of the forged specimens (ca. 2 lm for HIP cf. 4 lm for forged).
The average ductile dimple diameter was measured and plotted for each specimen, together with the standard deviations plotted as error bars. As shown in Figure 11 , the average diameter of the ductile dimples becomes finer with increasing oxygen concentration, which is rationalized in terms of degree of possible void growth, as mentioned earlier. This result is significant, since it confirms the relationship between maximum possible void growth and oxygen content, which forms the basis of the hypothesis regarding how oxygen plays a role in the ductile fracture mechanism. The standard deviation of the data is significantly larger for F316L than any of the HIP'd specimens, and the specimen containing the lowest oxygen concentration exhibits a slightly larger standard deviation than that of the higher oxygen content specimens. 
V. CONCLUSIONS
HIP'd stainless steels generally exhibit higher strength and ductility than steels manufactured from more conventional production methodologies, and this is usually attributed to their finer grain size and isotropic microstructure. It has been shown that although a large variation in oxygen concentration in HIP steels has a detrimental and quantifiable effect on the ductile fracture toughness properties, the influence of increasing oxygen is unlikely to significantly affect the strength of these materials. Variations in interstitial chemical composition, such as carbon and nitrogen, alongside the grain size have a marked dominating effect on material strength over oxygen, which manifests itself in the form of non-metallic oxide inclusions rather than remaining dissolved in solid solution.
